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The corrosion products arising from the exposure of a Nicalon silicon carbide
fibre-reinforced lithium aluminosilicate glass—ceramic matrix composite to molten sodium
sulphate at 900 °C for 100 h in both oxygen and argon atmospheres were studied by X-ray
diffraction (XRD) and scanning and transmission electron microscopy (SEM and TEM
respectively). The microstructure of the as-received composite plates was found to be
similar to that reported by other workers. The matrix consisted of grains of close to
stoichiometric mullite and B-spodumene and a high silica glass with 20-50 nm wide
fibre—matrix interfaces comprising a layer of turbostratic carbon and amorphous silica. The
effects of hot sodium sulphate corrosion were found to be very similar in both argon and
oxygen but proceeded at a much greater rate in the latter case where it had progressed
100 um into the composite and consumed many fibres. XRD studies indicated that mullite
had virtually disappeared in the corroded region and this was confirmed by SEM. TEM
studies of thin sections cut from near the end of the corroded zone also showed that the
matrix had become a very fine mixture of glass and f-spodumene grains and that the
fibre—~matrix interface region had grown to ca. 600-800 nm wide. The microstructure of this
corroded interface comprised several alternating layers of turbostratic carbon, mixed carbon
and amorphous silica and pure carbon, each with widths varying between ca. 100 and
200 nm. This layered structure apparently developed as a result of oxidation of the silicon
carbide fibre in the presence of a gradient of oxygen partial pressure that decreased from the

matrix across the interface to the fibre.

1. Introduction
Ceramic matrix composites (CMC) are materials in
which the aim is to produce strong, tough, damage-
tolerant microstructures by the incorporation into
a suitable matrix of second phases in the form of
particles, whiskers, platelets or continuous fibres. In
comparison with the unreinforced matrices, a number
of toughening mechanisms such as transformation
toughening, crack deflection, the incorporation of
matrix compressive residual stresses, crack bridging
and fibre pull-out can be used to increase the energy
demands of the cracks as they propagate.

Examples of CMC which have been developed on
a commercial scale in the last decade are zirconia-
toughened alumina and silicon carbide whisker-rein-
forced alumina. However, in principle, it is continuous
fibre-reinforced ceramics, rather than particulate-
reinforced ceramics, in which the most dramatic
improvements in damage tolerance can be achieved.
Toughening of these materials arises from a combina-
tion of matrix crack bridging by intact fibres once an

00222461 © 1995 Chapman & Hall

external stress necessary to initiate multiple cracking
in the matrix has been applied parallel to the length of
the fibres and fibre pull-out beyond the peak in the
load-deflection curve for such materials (see, for
example, Refs 1 and 2).

The ability of these toughening mechanisms to op-
erate successfully depends on matrix—fibre interfaces
that are relatively weak in shear to allow debonding
once multiple matrix cracks begin to propagate, yet
strong enough to effect good load transfer between
the fibre and the matrix. Equally important is a high
retained mean strength of the fibres after consolida-
tion and environmental exposure of the composites so
that the work of pull-out is as high as possible. Thus,
an understanding of how a composite microstructure
evolves during processing and after specific post-
processing treatments, particularly in the vicinity of
the matrix—fibre interface, and how this relates to
mechanical properties, is vitally important in both the
design and manufacturing reproducibility of these
materials.
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2. Summary of previous work
on CMC fibre—-matrix interfaces
and environmental effects

SiC fibre-reinforced glass—ceramic composites are
serious candidates for high temperature gas turbine
components and so optimizing the strength—tough-
ness behaviour of these materials by “engineering” the
fibre—matrix interface is a critical area of research for
the Department of Defense and the US Navy. Pion-
eering work by Brennan and Prewo [3] and Prewo
[4,5] has shown that SiC fibre-reinforced lithium
aluminosilicates have high strength and show com-
posite-like failure. CMC based on other glass—ceram-
ics, such as calcium aluminosilicate (CAS), magnesium
aluminosilicate (MAS) and barium magnesium
aluminosilicate (BMAS) have been studied by a num-
ber of researchers [6—12]. All these CMC are tough
and strong and recent work by Kumar and Knowles
[12] has shown that a common feature of these com-
posites is the presence of a thin layer of carbon at the
interface between the SiC fibres and the matrix.
Kumar and Knowles were further able to show that if
this carbon is present in turbostratic form with its
basal planes parallel to the interface then this is an
arrangement favourable for matrix crack deflection
and matrix—fibre debonding when suitably high ten-
sile stresses are applied along the length of the fibres.
This means that such composites will be both strong
and tough.

The chemical reactions that occur during process-
ing and which lead to carbon-rich interfacial layers
which give good composite behaviour are far from
being properly understood, although Cooper and
Chyung [13] indicate that carbon-containing inter-
face layers are formed as a reaction product of the
oxidation of the SiC at the surface of the fibres during
processing through the chemical reaction

SiC(s) + Ox(g) — SiO4(s) + C(s) 1)

The activity of oxygen at the interface is presumed to
be sufficiently low to prevent oxidation of the carbon
once it has formed. The silica formed in this reaction
either dissolves in the silica-rich matrix as discussed by
Chaim and Heuer [14], or remains as a second layer
at the interface [ 15]. It is also possible that some of the
carbon in the interface layers arises from excess car-
bon present in the non-stoichiometric fibres [13, 15].

Although the formation of a carbon-rich layer at the
interface between fibre and matrix is usually con-
sidered to be desirable, as it allows matrix~fibre de-
bonding in preference to fibre failure in the composite,
it is too simplistic to associate the formation of a car-
bon layer with “good” composite behaviour. As dis-
cussed above, it would seem that the formation of an
interfacial layer of turbostratic carbon in SiC fibre-
reinforced CAS, MAS and BMAS is responsible for
good properties. However, in their studies of SiC fibre-
reinforced pyrex, Knowles et al. [16] were able to
show that interface layers of amorphous carbon were
present in both weak and brittle, and strong and tough
versions of this composite. They also demonstrated
that there was clear evidence for interdiffusion of
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matrix and fibre elements on a micrometre scale in the
brittle material but not in the tough material, and that
such variations depend on prior processing history
and heat treatment of both the fibre and the matrix.

Thus, it is apparent that the precise microstructure
and chemistry of fibre-matrix interface layers is of
vital importance. Ponthieu et al. [17] observed that
there were differences between the high resolution
electron microscope (HREM) images from interfacial
layers in SiC fibre-reinforced LAS with and without
Nb,O;5 in the matrix. They also suggested that the
term “amorphous carbon” to describe an interface
layer is too general and that there are subtle changes
in the chemistry through the interface layers and
subtle differences in bonding at the matrix—layer
interfaces from one composite to another, which will
determine the debond resistance of the fibre-matrix
interfaces.

As mentioned above and discussed by Bonney
and Cooper [15], the conditions under which different
forms of interfacial carbon occur are unclear. The
correlation between processing history and interfacial
chemistry is obviously very important and the chal-
lenge for electron microscopists is to clearly define the
crystallographic/amorphous nature of the phases in
the matrix, interface and fibre and correlate this with
prior processing history and mechanical properties.

The effect of service environments on the interfacial
chemistry of SiC fibre-reinforced glass—ceramic com-
posites has thus far only received limited attention. An
example has been described by Bischoff et al. [18],
who showed that annealing of SiC fibre-reinforced
Nb,Os-containing LAS for only a few hours in air at
800 °C caused the carbon interface layer to be oxidized
and replaced by a silica layer, which bonds well with
both the fibre and the matrix. This has the effect of
making the composite brittle rather than damage tol-
erant. In this work we are interested in the effect of
corrosion of Nicalon SiC fibre-reinforced LAS, which
is a candidate for high temperature gas turbine com-
ponents in acro-engines. This is because the service
environment for Navy aircraft is very hostile as high-
temperature components are exposed to corrodants in
jet fuel and sea air that can lead to accelerated cor-
rosion. In particular, salt deposits on hot engine com-
ponents can lead to hot corrosion attack.

Although the effect of hot salt corrosion on the
interface morphology of SiC fibre-reinforced CMC
has not yet been extensively investigated, Jacobsen
[19] has made an in-depth study of the effects of
oxidation and hot-corrosion of silicon carbide and
other silicon-based ceramics. It is well known that,
in a marine operating environment, airborne con-
taminants (containing salt) can combine with sulphur
impurities in gas turbine combustion gases to form
sodium sulphate

2NaCl(g) + SO,(g) + 0.50,(g) + H,O0 —
Na,SO4(1) + 2HCI(g) 2)

Sodium sulphate is one of the most common deposits
formed on structural components operated in com-
bustion gas atmospheres. It is highly stable, generally



acidic and is usually considered to be corrosive be-
tween its melting temperature and the dewpoint at
which Na,SO, deposits form [19]. The range of tem-
peratures and pressures over which sodium sulphate
deposits form is, of course, a very important consid-
eration in engine design, especially in deciding what
materials to use for different components.

SiC reinforcing fibres are inherently unstable in
atmospheric air and form a thin protective layer of
SiO, which has a very low permeability to oxygen,
and thus serves as an effective oxidation barrier by
restricting the flow of oxygen to the SiC-SiO, inter-
face. The effectiveness of the layer is limited by its
melting point (2000 K) when the SiO, is liquefied
and molecular transport and oxidation rates increase
dramatically. It is possible for oxygen to get to the
SiC-Si0, interface by the diffusion of molecular
oxygen or by the network exchange of ionic oxygen.
Because the diffusion rate of molecular oxygen
through the amorphous SiO, layer is about 10° times
faster than the ionic oxygen the former diffusion
mechanism dominates [19]. Additionally, at elevated
temperatures the SiC fibre and SiO, could react to
form SiO and CO gas, which would then generate
a gas pressure at the interface [19]. It is, however,
generally accepted that the oxidation of SiC fibres
occurs according to Equation 1 and can be broken
down into five steps: (1) the transport of molecular
oxygen to the SiO, surface; (2) the diffusion of oxygen
through the SiO, layer; (3) reaction at the SiO,-SiC
interface; {(4) the transport of the by-product gases
through the SiO, film; and (5) the transport of by-
product gases from the SiO, surface [19].

The key chemical reactions in the hot corrosion of
silicon carbide by sodium sulphate are thus

SiC(s) + 1.50,(g) - SiO4(s) + CO(g) (3)
XxSi0,(s) + Na,S0,(l) — Na,0-xSiO,(l) + SO4(g
4

The protective SiO, solid layer is thus transformed
into a liquid which accelerates corrosive attack since
oxygen {or oxygen-containing molecules such as H,O)
can more easily diffuse through to the SiC-SiO, inter-
face. In order for Reaction 4 to occur the sodium
sulphate must be basic and thus the partial pressure of
the SO; (Pgo,) plays an important role in controlling
the formation of sodium silicate. Na,SO, will be a
basic molten salt when it has a high activity of Na,O
resulting from a low Pgo,. At higher Pgo,, Na,SO, is
acidic and will not react with acidic SiO,. Jacobsen
[19] verified these predictions by treating test coupons
of SiC in a burner rig using both low- and high-
sulphur fuels. More corrosion was observed on sam-
ples exposed to low-sulphur fuels (low Pgo,) than
those exposed to high-sulphur fuels. Additionally, no
sodium silicate was detected in the coupons exposed
to the high-sulphur fuels.

Many types of SiC fibres have excess carbon, some
oxygen and a non-homogeneous distribution of Si,
C and O through fibre cross-sections. In particular,
the carbon content of the fibres can come close to
100% near fibre surfaces [9]. Carbon tends to drive

sodium sulphate basic so that, even in conditions
where Pgo, is high enough to prevent sodium silicate
formation, corrosion can still be extensive. Oxygen
partial pressure is another factor that influences the
hot corrosion process. It has been shown that high
oxygen pressure drives sodium sulphate acidic enough
that dissolution of silica does not occur. This dis-
cussion emphasizes the fact that it is extremely difficult
to predict the nature of hot corrosion of silicon car-
bide fibre-reinforced CMC, although it is possible to
speculate on its nature. In the case of SiC fibre-rein-
forced LAS both the surface of the SiC fibres the
glassy portion of glass—ceramic matrix are high in
silica, and thus likely to be acidic and so both could
react with sodium sulphate if it is sufficiently basic.
For this glass—ceramic matrix composite, then, hot
corrosion could be extremely deleterious since it seems
likely that both the SiC fibre and the matrix could be
attacked by liquid sodium sulphate.

In this work the hot corrosion of Nicalon silicon
carbide fibre-reinforced LAS, after exposure to molten
sodium sulphate at 900 °C under different partial pres-
sures of oxygen, was investigated. The preliminary
results of this study have been published by Wang
et al. [20].

3. Experimental procedure

A 2mm thick 90-0-90 cross-ply plate of Nicalon
silicon carbide fibre-reinforced LAS was supplied by
United Technologies Research Center, East Hartford,
CT. The composition of the matrix was given as (in
wt %) Li1,0, 3.2; Al,O3, 20.0; Si0,, 67.5; MgO, 2.5;
BaO, 1.2; As,0,, 1.0; B,O3, 3.1; ZrO,, 1.5. The final
recrystallization heat treatment after hot pressing was
900 °C for 24 h. Five samples were prepared for exam-
ination: (1) as-received; (2) annealed in pure argon for
100 h at 900 °C; (3) annealed in pure flowing oxygen
for 100 h at 900 °C; (4) annealed in pure argon with
a surface sodium sulphate coating of 3 mgcm™? for
100 h 900 °C; and (5) annealed in pure flowing oxygen
with a surface sodium sulphate coating of 3 mg cm ™2
for 100 hours 900 °C. The crystal phases present in
each of these samples were investigated by X-ray dif-
fraction (XRD). For samples (4) and (5) diffractograms
were generated both before and after the excess salt
had been removed from the surfaces by gentle grind-
ing on 1200 grit SiC papers. The instrument used was
a Philips PW1710 X-ray diffractometer with a Cu
target and bent graphite crystal monochromator con-
trolled with a VAX-3100 workstation. Diffractograms
were obtained from the angular range of 10-90° 260
with a step size of 0.02° and dwell time of 5 s. Cross-
sections were cut at right angles to the axes of the
fibres next to the exposed surfaces and these were
coated in carbon and examined using backscattered
electron (BSE) imaging and light element energy dis-
persive X-ray analysis (EDX) in a Cambridge S200
scanning electron microscope (SEM). Sections,
100 pm thick, were then cut parallel to the exposed
surfaces and 3 mm diameter discs cut from them with
a VCR Group model 7100 Precision Coring tool.
These discs were then dimpled to ca. 25 pm thickness
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using a GATAN Model 656 Dimple-Grinder and final
thinning to perforation was performed in a GATAN
Model 600 Duomill ion miller. Care was taken during
dimpling to ensure that the thin areas were in cor-
roded regions in the case of samples (3)—(5). The
thinned discs were then examined in a JEOL 100 CX
transmission electron microscope (TEM) equipped
with a light element EDX operating at 120 kV.

4. Results and discussion

4.1. X-ray diffraction

Low-angle diffractograms from all the samples are
shown in Fig. 1. Peaks at higher angles were found to
be small and often highly broadened, and thus not
useful for accurate phase identification. The major
crystalline phases present in the matrix of the as-
received sample are mullite, 3A1,05-Si0,, and -
spodumene, Li,0-Al,05-4Si0,. The crystalline peaks
are superimposed on a background containing a
glassy “hump” in the angular range 20-30°, 20, con-
sistent with significant amounts of silica-based glass.
There are also other peaks associated with trace
phases but it is difficult to be definitive about their
origin. There is also the possibility of preferred ori-
entation which would also make identification of trace
phases difficult. At higher angles B-silicon carbide
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Figure 1 X-ray diffractograms of the five samples studied in the
present work. The results are presented in the following order (from
top to bottom): as-received, annealed in argon, annealed in argon
with a sodium sulphate coating, annealed in flowing oxygen and
annealed in flowing oxygen with a sodium sulphate coating. S = B3-
Spodumene and M = mullite.
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from the fibres was also detected but the peaks were
small and highly broadened due to the small size of
the B-SiC crystallites. Any other phases in this sample
were evidently present in small amounts as they could
not be detected by XRD.

The diffractogram for the sample annealed in argon
without a salt coating also shows B-spodumene and
-mullite as the major crystalline phases, although the
amount of the latter has been markedly reduced and
the amount of glass appears to have increased some-
what since the intensities of the crystalline peaks have
been reduced and the glassy “hump” seems somewhat
larger; this would suggest that the Al,O; contents of
the glass and B-spodumene have also been increased.
In addition, there is also evidence for trace amounts of
B-eucryptite, Li,O-Al,05-2Si0,, in this sample. An-
nealing in argon with a salt coating produces similar
results except that mullite is reduced to trace amounts.
According to the Li,O-SiO,—~Al,O; ternary phase
diagram this behaviour is consistent with the overall
composition of the matrix approaching equilibrium
and that this takes place more quickly when sodium
sulphate is present. '

XRD of the sample annealed in flowing oxygen
once again showed B-spodumene and glass to be
the predominant phases present, and once again the
mullite had almost completely disappeared. Trace
amounts of clineoenstatite, MgO-Si0,, are now evi-
dent but there is little evidence for B-eucryptite. In
addition, there is also some evidence for low quartz.
Annealing in oxygen with a sodium sulphate coating
produced similar results except for the return of evid-
ence for trace amounts of B-eucryptite.

Although the phases present after various heat
treatment/corrosion regimes can be determined by
XRD it reveals very little about the possible extent
and mechanism of corrosion. SEM and TEM experi-
ments are necessary for this. These results will now be
presented.

4.2. Scanning electron microscopy
Fig. 2 is a BSE SEM micrograph of the as-received
sample clearly showing the fibres and matrix. The

Figure 2 Backscattered SEM micrograph of the as-received sample
showing fibres, matrix, mullite with acicular morphology and bright
particles containing zirconia and sometimes small amounts of ar-
senic oxide and/or magnesia.



Figure 3 Backscattered SEM micrograph of the sample annealed in
argon with no sodium sulphate coating. This is very similar to Fig. 2
except there is a marked reduction in the amount of mullite present.

Figure 4 Backscattered SEM micrograph of the sample annealed in
argon with a sodium sulphate coating. The corrosion zone extends
ca. 20 pm into the specimen and in this region the fibres have been
attacked and there is apparently a complete absence of mullite. The
particle arrowed was analysed by EDX to be stoichiometric
MgO-SiO,.

matrix apparently contains several phases of differing
average atomic number. The acicular phase, which
evidently has a higher average atomic number than
the matrix as a whole, was found by EDX analysis to
be close to stoichiometric mullite in agreement with
the XRD data. The darker matrix regions in this
micrograph must evidently be a mixture of glass and
B-spodumene; it was difficult to discriminate between
these in the SEM. Bright (high average atomic num-
ber) particles associated with ZrO, and occasionally
As, 05 and/or MgO are also present. No evidence for
BaO or its compounds was found in the regions exam-
ined in the SEM.

SEM studies of the sample annealed in argon with-
out a salt coating showed no evidence of corrosion
and the high magnification BSE micrograph (Fig. 3)
clearly shows a much lower matrix mullite content
compared with the equivalent micrograph taken from
the as-received sample (Fig. 2). Once again there was
clear evidence for ZrO, and As,03/MgO-containing
particles as in the as-received specimen. Annealing in
argon with a salt coating caused degradation of the
fibres near the surface, as shown in Fig. 4, and the

disappearance of mullite in agreement with the XRD
experiments. The large arrowed particle in this figure
was found by EDX to be close to stoichiometric mag-
nesium silicate, MgQ-SiO,, which, of course, is consis-
tent with the detection of clineoenstatite by XRD for
this sample; several other particles of this type were
identified near the surface in this sample. The fibres
within ca. 20 pum of the surface appear to have been
oxidized and the origin of the oxygen causing this
is not clear. The argon used in the experiments was
designated oxygen-free and, if this is the case, the only
possible source of oxygen for corrosion is thennardite,
Na,S0,. The nature of any possible dissociation of
the thennardite is not clear. Simplistically, a reaction
of the form 2Na,SO, — 2Na,S0O; + O, could be ex-
pected. However, the XRD of the corroded, coated
and unpolished samples failed to display evidence
of sodium sulphite. These diffractograms contained
peaks from phases other than mullite, B-spodumene
and thennardite which were not present in the
polished samples, and thus could have been a result of
a dissociation process. As yet we have been unable to
identify these phase(s) and they do not appear to be
listed in the Joint Commission on Powder Diffraction
(JCPDS) files. It is clear that oxygen was available for
corrosion and that this reacted with the B-SiC during
annealing to form SiO,. Apparently, this excess SiO,
subsequently reacted with nearby MgO to form
clineoenstatite. EDX of all the corroded regions near
the surface (except the salt layer) failed to detect any
sulphur or sodium which suggests that any dissocia-
tion of the Na,SO, was such that the sodium and
sulphur were confined to the salt layer and that only
released oxygen reacted with the SiC fibre-reinforced
LAS. In addition, the fact that magnesium silicate is
present in the surface regions next to the salt layer
indicates that sodium and sulphur have remained in
the salt coating and not taken part in the corrosion
process since, if free Na,O was present, sodium silicate
would be more likely to form than magnesium silicate,
as Na,O is significantly more basic than MgO.

The XRD shown in Fig. 1 are very similar for the
sample annealed in argon with a salt coating and for
the sample annealed in oxygen without a salt coating.
SEM micrographs of these two samples also show
similarities as can be seen from a comparison of
Figs 4 and 5 which are BSE SEM micrographs of
the surface corroded regions in these specimens. In the
case of the sample annealed in oxygen, the corrosion
zone extends somewhat more into the sample, to
a depth of ca. 30 um, and all the fibres in this region
have the appearance of being oxidized. Once again, no
sulphur or sodium was found in the corrosion zone
and there is an almost total absence of mullite with
clearly visible particles of the corrosion product mag-
nesium silicate. In addition, in Fig. 5, there is evidence
of a corrosion product around the partially oxidized
fibres which is most likely to be SiO, and is difficult to
analyse by EDX because of its small size, and much of
it apparently fell out during specimen preparation.
Notice also the significant number of pores in the
regions near the oxidized fibres which suggests that
carbon monoxide was generated during the oxidation
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Figure 5 Backscattered SEM micrograph of the sample annealed in
flowing oxygen with no sodium sulphate coating. The corrosion
zone extends ca. 30 um into the specimen and there is a complete
absence of mullite. Magnesium silicate particles are in evidence in
the corroded region; these appear somewhat overbright due to
topographical effects which apparently arose from surface damage
generated during sample preparation. Notice the presence of poros-
ity around some of the oxidized fibres (arrowed).

Figure 6 Backscattered SEM micrograph of the sample annealed in
flowing oxygen with a sodium sulphate coating. The corrosion zone
extends ca. 100 pm into the specimen and there is a complete
absence of mullite. Once again, magnesium silicate particles and
porosity are evident in the corroded region.

of the silicon carbide fibres. Fig. 6 is a BSE SEM
micrograph of the corrosion zone of the sample heat
treated in oxygen with a sodium sulphate coating and,
in this case, the corrosion zone extends into the sample
by ca. 100 pm. Once again, no sodium or sulphur was
found in the corroded region but it is clear that so-
dium sulphate accelerates the oxidation process since
the corrosion zone is much larger than for the sample
annealed in oxygen without salt. As before, notice the
absence of mullite and the presence of large numbers
of pores around oxidized fibres and clearly visible
particles of magnesium silicate. In this sample it was
possible to find oxidized fibres with clearly preserved
rings of oxidation product as shown in Fig. 7. EDX
analysis of these suggested that they are comprised
mostly silica with a small amount of alumina.

4.3. Transmission electron microscopy
TEM imaging, selected area diffraction (SAD) and
EDX studies of the as-received matrix indicated that it
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Figure 7 Backscattered SEM micrograph of the sample annealed in
flowing oxygen with a sodium sulphate coating showing the cor-
roded fibres. The “ring” of corrosion product around the fibres was
found by EDX to be mostly silica with a small amount of alumina.
Porosity is again evident near these corroded fibres.

comprised close to stoichiometric mullite with widely
varying grain sizes in agreement with the SEM obser-
vations and close to stoichiometric f-spodumene with
grain sizes in the range 0.5-2.0 um. These were sur-
rounded by amorphous glassy regions with average
composition (by weight) of SiO,, 88% —Al,O5, 12%
(with trace amounts of BaO and As,05); this analysis
ignores the possible presence of Li,O which cannot be
detected by EDX. Small ZrO, and MgO crystallites
were also observed and the former sometimes con-
tained As,O;. These crystallites were found predomi-
nantly in the glassy regions with very few observed in
the crystalline grains. In the limited area examined in
the TEM no evidence for B,O; or its compounds was
found, which is not surprising since it is very difficult
to analyse boron using EDX. The amorphous glassy
phase dominated the matrix component of the
matrix—fibre interfaces in the areas studied in the pres-
ent work and an example is shown in Fig. 8. The fibre
region next to the interface was found to be pre-
dominantly amorphous carbon containing silicon and
some oxygen and very few B-SiC particles. A small
amount of alumina was detected by EDX in this fibre
region next to the interface suggesting that diffusion of
Al (and possibly Li also) from the matrix into the fibre
had taken place during processing, although the
sample is quite thick here and thus beam broadening
may have meant that the matrix was contributing to
this analysis. A selected area diffraction pattern taken
from the interface, which is also shown in Fig. 8, shows
faint rings due to graphitic carbon superimposed on
an amorphous background. Dark-field imaging of
several interfaces (see, for example, Fig. 9), using the

002 carbon ring, showed that the very low atomic
4 . N . .
number interface layer with a width in the range

20—-50 nm and which is clearly evident in Figs 8 and 9,
is graphitic carbon which appears to be mixed with
amorphous silica. The presence of the 002 and hk0
reflections and the absence of the h k! reflections (ex-
cept 00 2) in this ring pattern suggests that this carbon
layer is turbostratic [21]. Using high-resolution elec-
tron microscopy, Kumar and Knowles [12] have



Figure 8 Bright-field TEM micrograph (a) and selected area diffrac-
tion pattern (b) from an interface in the as-received sample. ZrO,-
and MgO-containing precipitates are clearly seen in the amorphous
glassy matrix next to the interface and the fibre region next to the
interface is dominated by amorphous silicon oxycarbide with only
a few small particles of B-silicon carbide. The indexed diffraction
pattern from the interface is consistent with rings from turbostratic
carbon (C) superimposed on an amorphous background which
arises partly from the matrix glass (G), partly from the amorphous
silicon oxycarbide region of the fibre (F) and partly from the
amorphous silica layer (A) at the interface.

shown that such interfacial carbon layers in MAS are
indeed turbostratic with the basal planes parallel to
the fibre axes. Also evident in Figs 8 and 9 is a second
interfacial layer with a width of the order of 100 nm;
this was identified by EDX and SAD to be amorphous
silica containing trace amounts of alumina. Finally,
TEM bright- and dark-field imaging, and SAD of the
interior of the Nicalon fibres showed them to be small
(2-3 nm) crystals of B-SiC in an amorphous carbon-
rich silicon carbide matrix, as has been reported pre-
viously by many other workers. These results are very
similar to those obtained by Chaim and Heuer [14]
and Cooper and Chyung [13] discussed in section 2.

In the thin areas of the sample annealed in argon
without a salt coating studied in the TEM no mullite
was detected and the alumina content of both the glass
and B-spodumene was increased; in addition, grains
of stoichiometric B-eucryptite were occasionally ob-
served, consistent with the XRD observations. The
average composition (by weight) of the glassy. regions

Figure 9 Bright-field (a) and dark-field (b) TEM micrographs of an
interface in the as-received sample. The dark-field micrograph was
taken using the 002 turbostratic carbon reflection and clearly
shows the mixed turbostratic carbon-—amorphous silica layer (M)
alongside a thin amorphous silica layer (A). The fibre (F) and the
glassy matrix (G) are also indicated.

was now found by EDX to be SiO,, 84%—-A1,0; 16%
(once again ignoring Li,O). A similar increase in the
alumina content of the B-spodumene (cf. the as-
received sample) was also detected. As mentioned pre-
viously, the constitution of the matrix after anncaling
in argon is entirely consistent with progression
towards equilibrium according to the Li,O-Al,O5-
Si0O, phase diagram. TEM examination of the moz-
phology of the interface regions suggested that these
were unchanged by annealing in argon with all the
features being almost identical to those observed in
the as-received specimen.

Since the corrosion products appeared to be the
same for the three samples that experienced oxidation
it was decided to perform TEM studies on the sample
with the largest corroded region (heat treated in oxy-
gen with a sodium sulphate coating) since preparing
accurately positioned samples in corroded regions
20-40 um thick proved problematical. In the case of
the sample heat treated in oxygen with a sodium
sulphate coating it proved possible to prepare a thin
section close to the border between the corroded and
uncorroded regions. TEM examination of the corroded
matrix revealed a fine mixture of small crystallites
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Figure 10 Bright-field TEM micrograph of the matrix in the cor-
roded region of the sample annealed in flowing oxygen with a salt
coating. The microstructure is a mixture of fine crystallites of
B-spodumene and amorphous glass.

surrounded by glass, as shown in Fig. 10. Selected area
diffraction showed the crystallites to be B-spodumene,
in agreement with the X-ray data obtained from this
sample. Very few MgO crystallites were found in the
thin areas studied in this specimen since they had no
doubt diffused away to form MgO-SiO,. Some ZrO,
crystallites were, however, still present, although they
now appeared several times larger than in the as-
received sample. EDX analyses of all the phases pres-
ent in the matrix, fibre and interface failed to reveal the
presence of any sodium, once again suggesting that
conditions were insufficiently basic for the dissocia-
tion of the sodium sulphate coating. TEM studies of
the fibre-matrix interface showed these to be exten-
sively corroded as shown in Fig. 11. In the as-received
sample the interfacial region comprised a 20-50 nm
layer of turbostratic carbon and a ca. 100 nm thick
amorphous SiO, layer. Fig 11 indicates that inter-
facial regions can grow to between 600 and 800 nm
due to oxidation and have a very interesting layered
structure. Selected area diffraction from this layered
region produced a ring pattern consistent with turbo-
stratic carbon superimposed on an amorphous back-
ground. A dark-field image obtained from the 002
carbon ring is also shown in Fig. 11. EDX and SAD
analyses of the carbon-free interfacial layers (darker in
the bright-field image of Fig. 11) showed them to be
amorphous silica containing a small amount of
alumina which had evidently diffused into the inter-
face region from the matrix. The carbon-containing
layer next to uncorroded fibre is clearly a mixture of
silica and carbon, and studies of several interfaces
showed that a mixed carbon/amorphous silica layer
was always present in the corroded interface region
next to the uncorroded fibre. The carbon-rich inter-
layer marked “C” in Fig. 11 appears to contain very
little silica and the layer next to the matrix appears to
be predominantly amorphous silica, although there is
faint evidence for a carbon layer next to the matrix
which was probably burned-out by oxidation and
replaced by amorphous silica which expands on
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Figure 11 Bright-field (a) and dark-field (b) TEM micrographs of
a corroded interface region in the sample annealed in flowing
oxygen with a salt coating. In the dark-field image, which was taken
using the 002 turbostratic carbon reflection, notice the layered
structure of amorphous silica mixed with turbostratic carbon (M),
amorphous silica (A), turbostratic carbon (C) and carbon burn-out
region (B) between the glass matrix (G) and the fibre (F).

Figure 12 Bright-field TEM micrograph of a corroded interface in
the sample annealed in flowing oxygen with a salt coating. The
features in the interface are labelled in the same manner as Fig. 11.

formation. Other layered interfaces investigated in the
TEM showed evidence for almost pure carbon layers
adjacent to the matrix, as shown in Fig. 12,

Similar interfacial features have also been observed
by Kumar and Knowles [22] in Nicalon silicon car-
bide fibre-reinforced MAS, and they suggested that
the amorphous silica layers next to the matrix form by



the oxidation of carbon which diffuses from the mixed
turbostratic carbon/amorphous silica layers towards
the fibre—matrix interface. In the present work we have
also observed a mixed turbostratic carbon/amorph-
ous silica layer at the interfaces of the as-fabricated
samples, as shown in Fig. 8 and so the mechanism for
the generation of the interlayers proposed by Kumar
and Knowles also seems appropriate here. Since the
equilibrium partial pressure of oxygen for the oxida-
tion of carbon to CO (by the reaction 2C + O, =

2CO) is higher than that for the oxidation of SiC to
silica and carbon by Reaction 1 (up to ca. 1500°C), it
is expected that the fibres will also be oxidized to form
more silica and carbon. The presence of a mixed
silica/carbon interlayer next to the fibres in all the
corroded interfaces studied certainly supports this hy-
pothesis. The existence of a burned-out carbon layer
next to the matrix in Fig. 11 could certainly be a result
of the oxidation of a carbon interlayer to CO gas. If
this is so, a carbon layer must first form at the interface
between the silica layer and the mixed carbon/silica
interlayer. Carbon enrichment could then occur at this
interface by the diffusion of carbon from the mixed
interlayer towards the silica interlayer; the driving
force for this is the concentration gradient of carbon
between the two interlayers. Consequently, if the par-
tial pressure of oxygen at this interface is higher than
the equilibrium partial pressure for the oxidation of
carbon to form CO, then the carbon will oxidize to
form CO gas and thus a burned-out carbon layer,
provided that the rate is limited by the diffusion of CO
away from the interface. If the burn-out of the carbon
layer is extensive, then elongated pores and voids
could form. In addition, enrichment of carbon at the
interface between the mixed interlayer and the pure
silica layer would most likely lead to the formation of
a silica-rich layer within the mixed interlayer. If this is
so, then the interface layer structure could be expected
to be of the form: fibre—silica +carbon-silica~C
burn-out-silica—matrix or, if the oxidation is more
extensive, multiple layers of the type: fibre-silica +
carbon-silica—carbon-silica—C burn-out-matrix could
form [22]. If the carbon burn-out is severe then
interfaces with the layered structure fibresilica + car-
bon-silica—pores—silica—matrix could develop. Inter-
face morphologies of this latter type containing pores
were observed by Kumar and Knowles [22] in oxi-
dized samples of Nicalon silicon carbide fibre-rein-
forced MAS when the TEM samples were cut from
near the surface. In the present work the TEM sam-
ples were taken near the end of the corroded zone.
None the less, Fig. 11 shows a layer next to the matrix
which is clearly carbon layer burn-out, and this indi-
cates that the corroded interface in this figure could
have developed by this mechanism. Evidence of CO
emission and pore formation around extensively cor-
roded fibres nearer the surface of the corroded sample
can also be seen in the SEM micrograph, Fig. 7.

If, however, the partial pressure of oxygen is lower
than the equilibrium partial pressure for the oxidation
reaction of carbon to CO gas, then the carbon inter-
layer will remain stable at the interface between the
mixed and the silica interlayers. The continuous

oxidation of the fibres will again form a silica + car-
bon layer and an interface morphology of the type
fibre—silica + carbon-—silica—carbon-silica—~matrix
will be expected and this is exactly what is seen in
Fig. 12 (cf. ref. 22). This argument suggests that the
local oxygen activity near the interface shown in
Fig. 12 is somewhat lower than that in Fig. 11, despite
the fact that both interfaces were ostensibly at the
same distance from the sample surface. This is sup-
ported by the observation that the extent of oxidation
of the interface shown in Fig. 12 is far less than that
of Fig. 11. This can be explained if one considers the
possible presence of interconnected porosity, cracks
and the diffusion of oxygen along the interfaces from
the exposed ends of fibres (pipe-line oxidation). The
existence of such easy paths for the diffusion of oxygen
could certainly mean that local oxygen fluxes at
fibre—matrix interfaces could vary significantly even if
these interfaces are at similiar distances from the
sample surface. '

Our previous mechanical properties studies on
Nicalon fibre-reinforced LAS exposed to sodium sul-
phate coatings in air at 900 °C for 100 h indicated that
the tensile strength was reduced by ca. 30% and that
the elastic modulus was also reduced by this corrosion
regime. This is entirely consistent with the electron
microscope data presented above which indicates that
significant amounts of high strength, high modulus
SiC fibres have been consumed by the corrosion pro-
cess. In addition, the interfaces between the fibres and
the matrix have been degraded by oxidation and this
also undoubtedly contributed to these changes in
mechanical properties.

5. Conclusions

1. When a Nicalon silicon carbide fibre-reinforced
lithium aluminosilicate (LAS) glass—ceramic matrix
composite is annealed in an inert atmosphere
(argon) the LAS matrix appears to progress towards
equilibrium and the SiC fibres and their interfaces
with the matrix do not appear to be changed signifi-
cantly.

2. When a Nicalon silicon carbide fibre-reinforced
LLAS glass—ceramic matrix composite is annealed in
the presence of oxygen (emanating from either a so-
dium sulphate coating or an oxygen atmosphere, or
both) an extensive corrosion zone is formed in which
the matrix has become a fine mixture of B-spodumene
crystallites and high silica glass. Exposure to oxygen
appears to severely corrode the SiC fibres so that
extended layered interfaces comprising amorphous
silica, turbostratic carbon and mixtures of these are
formed; the exact morphology of the layers depending
on the local oxygen flux. Oxidation of the fibres in this
way apparently leads to severe degradation of mech-
anical properties.
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